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High-resolution  electron  microscopy  was  used  to  research  the  age-hardening  behaviors  in 6005A  alloy
and the  microstructural  characterizations  of  precipitates.  It  was  found  that  �′′,  �′ and  Q′ precipitates  had
12 orientation  variants,  respectively,  the  smaller  size  and  a  high-density  �′ ′ precipitates  existed  in  alloy
for a  long  time,  which  played  a  very  important  role  in controlling  an  anti-overaged  softening  behavior  in
6005A alloy.  Further,  by  the  crystallographic  interface  and morphology  analysis,  a  main  reason  was that
a 2-dimensions  coherency  strain-field  not  only  had  the  high-density  �′ ′ precipitates  become  the  biggest
obstacle  of  dislocations  movement,  but also  made  them  transform  into  �′ and  Q′ precipitates  with  more

′ ′

luminum alloys
igh-resolution electron microscopy

HREM)
icrostructure

recipitate

difficulty.  Moreover,  it was  also  found  that  � and  Q precipitates  had  weaker  relatively  strain-fields,
the  larger  size  and  a  lower  density,  which  were  largely  associated  with  the  reduction  in  hardness  that
occurred  upon  overaging.  Further,  the  strengthening  of  precipitates  on  alloys  could  be  summarized  as:
�′′ >  Q′ > �′.  Based  on  the  structural  information,  the  quantitative  Moiré  fringes  analytical  technique  was
also  used  to verify  the  lattice  parameters  and  orientation  of  precipitates.
trengthening
oiré fringes

. Introduction

As a result of medium strength, extrusion performance, good
orrosion resistance and excellent welding performance, the
l–Mg–Si–Cu alloys are widely used as key materials of rail trans-
ortation and automotive industry [1].  In recent years, a number of
abrication techniques and alloying methods have been developed
o research the effects on the precipitation hardening behav-
or and the microstructural development during artificial aging
n Al–Mg–Si–Cu alloys, and further to increase the mechanical
trength of alloys [2–5]. In particular, the precipitation strength-
ning through some metastable nano-particles precipitated from
he matrix, as one of the most essential techniques, is still widely
esearched [6–8].

However, the precipitation process of Al–Mg–Si–Cu alloys is
uite complex. In general, the precipitation sequence can be

escribed as: supersaturated solid solution (SSSS) → cluster/GP
ones → �′′ → �′ + Q′ → � + Q [9–11]. The clusters and GP zones are
elieved to be spherical, which are aggregates of solute atoms and

∗ Corresponding author. Tel.: +86 731 88830264; fax: +86 731 88876692.
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fully coherent with the Al matrix [12]. In the subsequent artificial
aging, they can serve as nucleation sites for the �′ ′ phases, which
have the needle-shaped morphology along the 〈1 0 0〉Al directions,
and are considered as the main hardening precipitates in this sys-
tem [13,14].  The �′ and Q′ phases, form after �′′ phase in the aging
sequence, and have the rod-shaped morphology along the 〈1 0 0〉Al
directions [7].  Moreover, the Q′ can be also known as B′ and M
[15,16], or Type-C in the excess Si alloys [17]. The � and Q are the
equilibrium phases in this system. They have a CaF2 type FCC struc-
ture and a Th7S12 type HCP structure, respectively [18,19].  Table 1
gives some references and more detailed data about these different
precipitates [6,14,15,18–25].

It is very obvious that these precipitates should pay a very
important role in the mechanical properties of Al–Mg–Si–Cu alloys.
Currently, the researches about the Al–Mg–Si–Cu alloys either focus
on compositions and structures of these precipitates (Table 1), or
only consider the hardening behavior based on the microstructure
[6–13,26]. However, the strengthening is always related with the
type, interface, morphology, density and size of precipitates. So

far, there are yet not any straightforward evidences and reason-
able analysis about the strengthening mechanism of precipitates
on alloys. And, if these issues can be not well defined, the mechan-
ical behavior strengthened by these precipitates cannot also be

dx.doi.org/10.1016/j.jallcom.2011.11.074
http://www.sciencedirect.com/science/journal/09258388
http://www.elsevier.com/locate/jallcom
mailto:wenchaoyang@csu.edu.cn
dx.doi.org/10.1016/j.jallcom.2011.11.074
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Table 1
Summary of different precipitates in Al–Mg–Si–Cu alloys.

Precipitates Shape Composition Space group Lattice parameters (nm) Orientation relationships References

Clusters/GP zones Sphere Mg2+xAl7−x−ySi2+y C2/m a = 1.457, b = 0.405, c = 0.648,
� = 105.3◦

Similarly �′′ precipitates [20,21]

�′′ Needle Mg5Si6 C-centered
Monoclinic C2/m

a = 1.516, b = 0.405, c = 0.674,
� = 105.3◦

(0 1 0)�′  ′ //{1 0 0}Al

[0 0 1]�′  ′ //〈3 1 0〉Al

[14,22]

�′ Rod or lath Mg9Si5 HCP P63/m a = b = 0.715, c = 0.405/1.215
�  = 120◦

(0 0 1)�′ //{1 0 0}Al

[2 1̄ 1̄ 0]�′ //〈3 1 0〉Al

[18,23,24]

Q′ Lath Al.38Mg8.6Si7Cu1 HCP P6̄ a = b = 1.032, c = 0.405, � = 120◦ (0 0 0 1)Q
′//{0 0 1}Al

[2 1̄ 1̄ 0]Q′ //〈5 1 0〉Al

[6,15,24,25]

� Plate Mg2Si FCC Fm3̄m a = b = c = 0.635 (0 0 1)�//(0 0 1)Al

[1 1 0]�//[1 0 0]Al

[18]

Q Round or oval Al3Mg9Si7Cu2 HCP P6̄ a = b = 1.039, c = 0.402, � = 120◦ Similarly Q′ precipitates [10,19]

Table 2
Chemical composition of the Al–Mg–Si–Cu 6005A alloy.

Element Mg  Si Cu Cr Mn  Fe Al

f
p
a
m
u
s

r
o
e
p
o
d
t
t

2

5
m
t
a
a
a
b

p
o
t
e
−
d
z

m
t
m
1
t
u
o
a
i
t
p
f
o
a
r
p

wt%  0.65 0.73 0.13 0.13 0.17 0.15 98.04
at% 0.72 0.70 0.06 0.07 0.08 0.07 98.29

ully understood. For instance, after the Al–Mg–Si–Cu alloys are
eak-aged at quick-bake temperatures (170–190 ◦C), why  they
lways present an obvious anti-overaged softening behavior which
akes alloys maintained a high mechanical performance during

se [10,12,27–32]? And, these reasons resulted in this behavior are
till unclear.

The goal of this paper was to research the structure-property
elationships of Al–Mg–Si–Cu 6005A alloy (especially, an anti-
veraged softening behavior) by observing the microstructual
volution and analyzing the crystallographic interface and mor-
hology of different precipitates using HREM and quantitative
rientation characterization techniques. Finally, based on some
iffraction information, the quantitative Moiré fringes analytical
echnique was also used to verify the lattice parameters and orien-
ation of precipitates.

. Experimental details

The Al–Mg–Si–Cu 6005A alloy was received in the form of extruded sheets with
 mm thickness having the composition shown in Table 2. Prior to the heat treat-
ent, the sheets were cut into short billets having 20 mm × 20 mm size. And then,

hese samples were heated at 550 ◦C for 1 h to obtain a complete solution of Mg, Si
nd Cu atoms. Following the solution treatment, samples were quenched in water
t  room temperature (∼20 ◦C). Then, aging treatments were performed at 175 ◦C
nd 200 ◦C, respectively, to elaborate the relationships between the age-hardening
ehavior and microstructure.

Vickers hardness measurements (2 kg load for 15 s, five indentations per sam-
le) were performed for each sample using a HV-5 sclerometer. A JEOL-2100F HREM
perating 200 kV was  used for the microstructure investigation. Transmission elec-
ron microscopy (TEM) specimens were prepared by standard electro-polishing. The
lectrolytic solution was a mixture of nitric acid and methyl alcohol (2:8), used at
20 ◦C to −30 ◦C and 22 V. Finally, based on the hardening curves, different con-
itions were selected for detailed TEM and HREM observations under the [0 0 1]Al

one axis.
Then, in order to find a correlation between the hardening behavior and the

icrostructure and the types of precipitates formed, these specimens for different
ime  were examined by quantitative TEM analysis, which was conducted on 10 or

ore images of each sample (based on the commercial applications of the alloy,
75 ◦C was  only considered). Bright-field (BF) images had been used to measure
he  length or count number of the precipitates, while dark-field images had been
tilized for all precipitate-size measurements as well as for counting the number
f  precipitates [33]. However, except that the needle-shaped �′′ precipitates with
n obvious coherency stain-field are easy to distinguish, both of �′ and Q precip-
tates have similar the rod-shaped morphology along the 〈0 0 1〉Al directions so as
o  distinguish them in TEM images more difficultly. Therefore, both of them are
ut together to measuring. To reduce the errors, the different areas were analyzed
or  each of the specimens at same magnifications (60,000×). And, the thickness

f  the observed area was estimated by counting the number of extinction fringes
t  an inclined grain boundary [34]. Moreover, because this thickness of samples
anged from 170 nm to 250 nm,  the average value 210 ± 20 nm was used in this
aper.
Fig. 1. Age-hardening curve of experimental alloy aging at 175 ◦C.

3. Results

3.1. Hardness curve, 175 ◦C

Fig. 1 shows a typical hardening curve aging at 175 ◦C of the
experimental alloy, with the error bars indicating the deviations
of individual measurements. The over shape of the curve largely
follows the expected evolution of rapid increase in hardness fol-
lowed by a hardness plateau in which the hardness has only a
little decrease, but subsequent decreases rapidly. In other words,
the curve can be roughly divided into four regions according to
hardening response: Region A with a rapid hardening stage from
55 HV at as-quenched state to 120 HV at 12 h (peak-aged); Region
B with a hardness decrease after peak-aged until 20 h; Region
C with a broad hardening plateau between 113 HV and 110 HV
from 20 h to 90 h; and Region D with a hardness decrease rapidly
to 84 HV at 180 h. Consequently, specimens under six aging con-
ditions in Regions A, C and D, i.e. 10 min, 30 min, 12 h, 36 h,
78 h and 150 h, were selected for further detailed microstructural
observations.

3.2. Development of microstructures, 175 ◦C

Fig. 2 shows some BF TEM images and the corresponding [0 0 1]Al
select area electron diffraction patterns (SADP) aging at 175 ◦C for

different times. Those specimens selected for the quantitative TEM
analysis and the corresponding microstructures are summarized in
Table 3.
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Fig. 2. BF TEM images and the corresponding [0 0 1]Al SADPs of alloy aging at 175 ◦C for different times. (a) 10 min, (b) 30 min, (c) 12 h, (d) 36 h, (e) 78 h, (f) 150 h. Corresponding
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ADPs  are given as the inserts. And other inserts in Fig. 2c are two  enlarged imag
bserved at high-intensity reflections in SADPs are caused by overexposure of the c

.2.1. Underaged microstructures
In early aging only 10 min  as shown in Fig. 2a, there is no any

vidence of visible precipitates, indicating that GP zones are not
recipitated. However, the hardness increases to 62 HV from 55 HV
t as-quenched state (Fig. 1). The result may  indicate that the

ardness increase at this stage should be ascribed solely to some
olute atom clusters, i.e. Mg  clusters, Si clusters or Mg/Si co-clusters
Table 3). However, because of the smaller size and the smaller

able 3
umber density, size and type of the precipitates aging at 175 ◦C for different time.

Samples investigated Number density � × 103 (�m−3) Len

175 ◦C/10 min  – –
175 ◦C/30 min  56.6 3
175 ◦C/12 hb 15.5 15
175 ◦C/36 h 13.7

1.0
16.
90.

175 ◦C/78 h 11.8
1.8

19.
122

175 ◦C/150 h 3.3 300

a The cross-section of GP can be calculated by A = �(L/2)2.
b Since the GP zones are very small and have similar cross-sectional areas as �′′ precip

or  12 h and not listed in Table 3. Where the number of �′′ precipitates can be counted by
n embedded � precipitates and a GP zone, respectively. These vertical streaking
-coupled device (CCD) camera.

lattice distortion resulting from very closely atomic radiuses
of Al, Mg  and Si, these clusters cannot display obvious strain
contrast.

Upon further age-hardening to 30 min, a large number of spher-
ical GP zones start to be precipitated evenly as shown in Fig. 2b.

These spherical GP zones have only 2–4 nm size and a very
high number density (Table 3), which further make the hardness
increased to 75 HV.

gth L (nm) Cross-section A (nm2) Precipitate type

 – Clusters
.1 7.5a GP
.8 7.4 �′′

9
6

8.3
31.3

�′′

�′ + Q′

1
.4

9.3
42.9

�′′

�′ + Q′

.2 56.8 �′ + Q′

itates in each filed, they are difficultly distinguished in TEM image aging at 175 ◦C
 BF image based on their coherency stain-field.
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Fig. 3. Age-hardening curve of experimental alloy aging at 200 ◦C.
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However, note that apart from some diffraction spots from Al
atrix, no any excess diffraction reflection can be observed in the

ADPs of early aging stage.

.2.2. Peak-aged microstructure
The peak-aged microstructure and the SADP are shown in Fig. 2c.

ompared with that in Fig. 2b, the number density of precip-
tates decreases rapidly (Table 3). GP zones have transformed
nto the needle-shaped �′′ precipitates with ∼10–20 nm in length.
nd, these �′′ precipitates are predominant in the microstructure
nd present some obvious coherency strain-fields surrounding the
eedles along the 〈1 0 0〉Al directions. They are generally consid-
red to be responsible for the maximum age-hardening effect in
l–Mg–Si–Cu alloys [13,35].  Moreover, some embedded �′′ precip-

tates, which are aligned with the long axis parallel to the electron
eam, also present some obvious Lobe-shaped coherency strain-
eld contrast as shown by the solid arrows. It indicates that the
eedle-shaped �′′ precipitates may  have a 2-dimensions coherency
train-field, i.e. one surrounds the needles and another surrounds
ts cross-section. In addition, apart from the �′′ precipitates, a few

pherical GP zones are also displayed in Fig. 2c, which are shown
y the dashed arrows. After peak-aged, these GP zones will be dis-
olved into the matrix so that the hardness decreases in Region
.

ig. 4. BF TEM images and the corresponding [0 0 1]Al SADPs of alloy aging at 200 ◦C for different times. (a) 10 min, (b) 30 min, (c) 4 h, (d) 8 h, (e) 24 h, (f) 156 h. Corresponding
ADPs are given as the inserts. And, other insert in Fig. 4b is an enlarged image of an embedded �′′ precipitates with Lobe-shaped coherency strain-field contrast.
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Fig. 5. HREM images and the corresponding FFT patterns of different prec

Then, some “cross-shaped” diffraction streaks around {1 1 0}Al
ositions along the 〈1 0 0〉Al directions are visible clearly in the
ADP. The diffraction effect can be explained well: they should
ome from some high-order diffraction spots under the [3 0 4]�′ ′

nd [1̄ 0 6]�′′ zone axes, and some double diffractions spots of �′′

recipitates. Some detailed analysis can be found in our recent
orks [22,36].
.2.3. Slight overaged microstructures in hardness plateau
After Region B, the hardness curve maintains an approximate

ardness plateau for a long time from 20 h to 90 h in Region C, i.e.
s. (a and b) �′′ precipitate, (c and d) �′ precipitate, (e and f) Q′ precipitate.

this alloy presents an obvious anti-overaged softening behavior.
The microstructures and the corresponding SADPs aged for 36 h
and 78 h are selected and shown in Fig. 2d and e, respectively.

As can be seen from Fig. 2d, although some rod-shaped
phases with 80 nm ∼100 nm in length are precipitated from
the matrix as indicated by the arrows, their numbers are rel-
atively fewer (Table 3). And, the needle-shaped �′′ precipitates

are still predominant in microstructure, and their sizes have also
no growth obviously compared with Fig. 2c (Table 3). Gener-
ally, these rod-shaped precipitates are considered as �′ and Q′

[7,37].
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Fig. 6. HREM images of four orientation variants of precipitates on (0 0 1)Al plane. (a–d) �′′ precipitates (e–h) �′ precipitates (i–l) Q′ precipitates.
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Further aging to 78 h in Fig. 2e, the numbers of �′′ precipitates
ecrease slightly, however, �′′ phases are still the main precipitates

n alloy (Table 3). In contrast, the numbers of these rod-shaped �′

nd Q′ precipitates continue to increase, and the length has also

rown up to 110–130 nm as shown by the arrows in Fig. 2e. In addi-
ion, some “cross-shaped” diffraction streaks can also be observed
n SADPs of Fig. 2d and e, which are very similar to that of peak-aged
tage in Fig. 2c.
3.2.4. Overaged microstructure
The microstructure and the SADP aged for 150 h are displayed

in Fig. 2f. The �′′ precipitates have disappeared completely and the
hardness also decreases to 88 HV. And, �′ and Q′ precipitates with

∼300 nm in length become predominant in Fig. 2f, but they have a
lower number density in alloy (Table 3). Simultaneously, some sim-
ilar “cross-shaped” diffraction streaks are also found in the SADP.
They can be explained well by [1 4 5̄ 0]�′ , [5 4̄ 1̄ 0]�′ and double
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ig. 7. Comparison of simulation and experimental [0 0 1]Al SADPs from �′ ′ precip
tages.  Open circles are the double diffractions spots. The streaking along 〈1 1 0〉Al

amera in Fig. 7b.

iffractions for �′ precipitate, together with [1 4 5̄ 0]Q′ , [3 2̄ 1̄ 0]Q′
nd double diffractions for Q′ precipitate [24].

.3. Hardness curve, 200 ◦C

In order to further find a correlation between the age-hardening
ehavior and microstructures, an age-hardening curve of the exper-

mental alloy at 200 ◦C is displayed in Fig. 3. Compared with that
n Fig. 1, this curve can only be divided into three regions accord-
ng to the hardening response: Region A′, B′ and C′ in Fig. 3. And, it
resents a very obvious overaged softening effect (i.e. the hardness
ecreases rapidly in overaged stage), and an earlier peak-aged time
4 h and a lower peak hardness ∼113 HV. Consequently, specimens
ging for 10 min, 30 min, 4 h, 8 h, 24 h and 156 h were selected for
EM observations.
.4. Development of microstructures, 200 ◦C

Some BF TEM images and the corresponding [0 0 1]Al SADPs
ging at 200 ◦C for different times are shown in Fig. 4. And, some
 (a and b), and �′ and Q′ precipitates (c and d) at the peak-aged and the overaged
tions observed at high-intensity reflections is caused by overexposure of the CCD

“cross-shaped” diffraction streaks can also be observed under all
aging conditions.

3.4.1. Underaged microstructures
In the early aging only 10 min  (Fig. 4a), in addition to some

spherical GP zones, a few needle-shaped �′′ phases with ∼12 nm
in length have been precipitated. Further aging to 30 min  (Fig. 4b),
�′′ phases grow up to ∼40 nm in length and become the predomi-
nant precipitates. It indicates that the grown speed of �′′ phases has
been improved obviously when the aging temperature increases
to 200 ◦C. Moreover, some Lobe-shaped strain-field contrast from
some embedded �′′ precipitates can also be observed as shown by
the arrows in Fig. 4b.

3.4.2. Peak-aged microstructure
Aging to 4 h (i.e. peak-aged stage) in Fig. 4c, in addition to lots

of �′′ precipitates, a few rod-shaped �′ and Q′ precipitates with

∼80 nm to 100 nm in length can be also observed as shown by the
arrows. It indicates that the phase transformation from �′′ precip-
itates to �′ and Q′ precipitates has occurred at peak-aged stage at
200 ◦C.
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ig. 8. Moiré fringes analysis of the �′ precipitate lying on (0 0 1)Al plane. HREM i
ectangle area in (b); (d) simulated diffraction patterns. The Moiré fringes are paral

.4.3. Overaged microstructures
The overaged microstructures at 8 h, 24 h and 156 h are dis-

layed in Fig. 4d–f, respectively. It is noticeable that �′′ precipitates
isappear rapidly from 8 h to 24 h, whereas the rod-shaped �′ and
′ precipitates increase gradually, at the same time their sizes also
row up rapidly to ∼350 nm in Fig. 4e. Aging to 156 h, although �′

nd Q′ precipitates are still predominant in microstructure, some
late-shaped equilibrium � phases have been observed as indicated
y the white arrows in Fig. 4f.

Based on the analyses above, we find that both of the phase
ransformation and grown speeds of precipitates in experimen-
al alloy are improved obviously with aging temperature increased
rom 175 ◦C to 200 ◦C. Then, the anti-overaged softening behavior
s not only related to the types of precipitates formed in alloy (espe-
ially �′′ precipitates, which can maintain for a long time at 175 ◦C
ut disappeared rapidly at 200 ◦C), but also refers to the number
ensity and size of precipitates. This behavior will be examined
arefully by analyzing the interfaces and morphologies of precipi-
ates in the following sections.

.5. HREM images of precipitates

Fig. 5a–f further show the HREM images and the corresponding

ast Fourier filtering transform (FFT) patterns of three main pre-
ipitates (�′′, �′ and Q′), respectively, where the electron beam is
arallel to [0 0 1]Al direction. And, the {2 0 0} lattices of Al matrix
re used to calibrate the magnification of the microscope.
; (b) enlarged image from rectangle area in (a); (c) Corresponding FFT patterns of
the [1 0 0]Al direction. The average spacing of fringes is measured to be 1.51 nm.

A typical HREM image of an embedded �′′ precipitate is shown
in Fig. 5a and b is the corresponding FFT patterns. They clearly
present the unit cell structure and orientation relationships of
�′′ precipitate: C-centered monoclinic structure with a = 1.516 nm,
c = 0.674 nm and  ̌ = 105.26◦; (0 1 0)�′ ′ //(0 0 1)Al, [1 0 0]�′ ′ //[2 3 0]Al

and [0 0 1]�′′ //[3̄ 1 0]Al. And, because �′′ precipitates lying on
(0 0 1)Al plane show fully coherency along the b-axis, the parameter
of the b-axis can be confirmed to be about 0.405 nm [14].

HREM images and the corresponding FFT patterns of �′ and Q′

precipitates are shown in Fig. 5c–f, respectively. Both have the same
HCP structure but different lattice parameters: a = b = 0.715 nm,
� = 120◦ for the �′ precipitate, and a = b = 1.032 nm,  � = 120◦ for
Q′ precipitate. And, the �′ precipitate has {3 1 0}Al habit planes
but {5 1 0}Al habit planes for Q′ precipitate. Further, the ori-
entation relationships can be found to be: (0 0 0 1)�′ //(0 0 1)Al,
[2 1̄ 1̄ 0]�′ //[1 3 0]Al and [1̄ 2 1̄ 0]�′ //[1 1̄ 0]Al for �′ precipitate, and

(0 0 0 1)Q′ //(0 0 1)Al, [2 1̄ 1̄ 0]Q′ //[5̄ 1 0]Al and [1̄ 2 1̄ 0]Q′ //[1 1 0]Al
for Q′ precipitate.

4. Discussion

4.1. Orientation variants and diffraction patterns
Based on these orientation relationships obtained in section 3.5,
three main precipitates (�′′, �′ and Q′) may  be precipitated along
any one of four 〈u v 0〉Al directions on (0 0 1)Al plane, which can
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ig. 9. Moiré fringes analysis of the Q′ precipitate lying on (0 0 1)Al plane. HREM i
ectangle area in (b); (d) simulated diffraction patterns. The Moiré fringes are paral

urther give four orientation variants, respectively. Therefore,
ig. 6 shows the HREM images of four orientation variants of
′ ′, �′ and Q′ precipitates along different directions on (0 0 1)Al
lane.

Further considering three {1 0 0}Al planes of the matrix, all pre-
ipitates may  yield a total of 12 orientation variants when they are
recipitated from the matrix. All of orientation relationships, there-
ore, should be described as: (0 1 0)�′ ′ //{1 0 0}Al; [0 0 1]�′ ′ //〈3 1 0〉Al;
1 0 0]�′ ′ //〈2 3 0〉Al for �′ ′ precipitates; (0 0 0 1)�′ //{1 0 0}Al,
2 1̄ 1̄ 0]�′ //〈3 1 0〉Al and [1̄ 2 1̄ 0]�′ //〈1 1 0〉Al for �′ precipitates;

0 0 0 1)Q
′//{0 0 1}Al, [2 1̄ 1̄ 0]Q′ //〈5 1 0〉Al and [1̄ 2 1̄ 0]Q′ //〈1 1 0〉Al

or Q′ precipitates, respectively.
Based on the 12 orientation variants, two different diffraction

atterns models of peak-aged and overaged stages can be obtained
s shown in Fig. 7. They indicate that no matter which phases (�′ ′,
′ and Q′) are precipitated from the matrix at peak-aged or over-
ged stage, some “cross-shaped” diffraction streaks will always
e observed inevitably under the [0 0 1]Al SADP. More detailed
escriptions about the diffraction patterns analyses can be found

n our recent works [22,24,36].
However, note that the “cross-shaped” diffraction streaks from

′ precipitates have shorter separation and stronger intensity than
hose from �′ ′ precipitates, and the diffraction streaks from �′ pre-

ipitates were basically overlapped with those from �′ ′ precipitates
nder the [1̄ 0 6]�′′ zone axis [22,24]. Therefore, the evolution of
recipitates may  be semi-quantitative described by the diffrac-
ion information (size and intensity) together with their different
; (b) Enlarged image from rectangle area in (a); (c) corresponding FFT patterns of
he [1 0 0]Al direction. The average spacing of fringes is measured to be 1.01 nm.

morphologies (needle-shaped, rob-shaped and lath-shaped),
which will be discussed in our following works.

4.2. Moiré fringes analysis

For some �′ and Q′ precipitates lying on (0 0 1)Al plane, some
Moiré fringes can always be found in HREM images as shown in
Figs. 8 and 9. Generally, the spacing of Moiré fringes formed by
diffraction vectors g1 and g2 is given as 1/|�g|, and the direction of
the fringes is normal to the �g  direction. Here, �g = g1 − g2 [38].

In the recent works [24], we have found that �′ and Q′ precipi-
tates with 12 orientation variants can only be precipitated along
one of [0 0 0 1]�′ , [1 4 5̄ 0]�′ and [5 4̄ 1̄ 0]�′ zone axes and one of

[0 0 0 1]Q
′, [1 4 5̄ 0]Q′ and [3 2̄ 1̄ 0]Q′ zone axes, respectively. Figs. 8a

and 9a give the HREM images recorded from �′ and Q′ precipitate at
the [5 4̄ 1̄ 0]�′ zone axis and [1 4 5̄  0]Q′ zone axis, respectively. Based
on their diffraction information, therefore, the observed spacings
and orientations of the Moiré fringes can be described quantita-
tively by reference to Table 4. In addition, the diffraction patterns of
�′ and Q′ precipitates are also given to indicate these Moiré fringes
and orientation relationships.

The HREM image in Fig. 8a presents some fringes along 〈1 0 0〉Al
directions through precipitates. And, Fig. 8b is an enlarged image

of the rectangular area in Fig. 8a, which gives clearly about 1.51 nm
spacing. The corresponding FFT pattern from the rectangular area in
Fig. 8b is shown in Fig. 8c. By quantitatively analyzing in Table 4, the
spacings of the 1̄ 2̄ 3̄ 0̄�′ /0 2 0Al and 1̄ 2̄ 3̄ 2̄�′ /2 2 0Al Moiré fringes
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Table 4
Spacings and directions of the Moiré fringes for �′ and Q′ precipitates. The lattice parameters a = b = 0.715 nm, c = 0.405 nm, � = 120◦ for �′ precipitate, and a = b = 1.032 nm,
c  = 0.405 nm,  � = 120◦ for Q′ precipitate were used for calculations.

Precipitates Zone axis Set of g vectors Corresponding plane
spacing (nm)

Moiré fringes
(nm)

Angle from
2 0 0Al (◦)

Diffraction patterns

�′ [5 4̄ 1̄ 0]�′ //[0 0 1]Al

1̄ 2̄ 3 0�′ /0 2 0Al d-1-230�′ = 0.234
d020Al = 0.203

1.532 0

0002β' /200Al

1232β'/220Al1230β' /020Al

000

4.13°

0 0 0 2�′ /2 0 0Al d0002�′ = 0.203
d200Al = 0.203

∞ 90

1̄ 2̄ 3 2�′ /2 2 0Al d-1-232�′ = 0.153
d220Al = 0.143

1.496 0

Q′ [1 4 5̄ 0]Q′ //[0 0 1]Al

6 4̄ 2̄ 0Q′ /0 2 0Al d6-4-20Q′ = 0.169
d200Al = 0.203

1.009 0

0002Q' /200Al

6422Q' /220Al6420Q'/020Al

000

5.17°

0002Q′ /200Al d000-2Q′ = 0.203 ∞ 90
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d020Al = 0.203
6 4̄ 2̄ 2Q′ /2 2 0Al d6-4-22Q′ = 0.130

d220Al = 0.143

re very close (i.e. 1.532 nm and 1.496 nm), and they are parallel to
he [2 0 0]Al direction. Therefore, these two fringes may  be indistin-
uishable in HREM image. In fact, the observed spacing of 1.51 nm
n Fig. 8b should fall in between the two values in Table 4. Then,
onsidering the double diffraction effect, a simulated diffraction
attern of Fig. 8c can be obtained in Fig. 8d, which is in good agree-
ent with Fig. 8c. Where the labeled A, B, D, F, H and I are the

esults of double diffraction between �′ precipitate and Al matrix,
nd the labeled C, E and G are 1 2 3̄ 1�′ , 0 0 0 1�

′ and 1̄ 2̄ 3 1�′ diffrac-
ion spots, respectively. What is more, this result may  indicate that
he c-axis parameter of �′ precipitate should be 0.405 nm rather
han 1.215 nm [23].

Fig. 9b is an enlarged image of the rectangular area in Fig. 9a.
he corresponding FFT pattern of Q′ precipitate is given in Fig. 9c.
s can be seen from Table 4, the spacings of the 6 4̄ 2̄ 0Q′ /0 2 0Al and
4̄ 2̄ 2Q′ /2 2 0Al Moiré fringes are also very close (i.e. 1.009 nm and
.039 nm). Therefore, the observed spacing of 1.01 nm in Fig. 9b
hould fall in between the two values in Table 4 and then the
REM image presents only a single set of fringes. Similarly, based on
able 4 and considering the double diffraction, a simulated diffrac-
ion pattern is given in Fig. 9d, which is also in excellent agreement
ith Fig. 8c. Where the labeled A, D and G represent 3 2̄ 1̄ 1Q′ ,

 0 0 1Q′ and 3̄ 2 1 1Q′ diffraction spots, respectively, and the labeled
, C, E and F are the results of double diffraction between the Q′

recipitate and Al matrix.
From the evidence presented and quantitative Moiré fringes

nalysis above, we can verify the lattice parameters and orienta-
ion variants of �′ and Q′ precipitates. However, for �′′ precipitates,
ince they have the needle-shaped morphology with less than 4 nm
ross-section, the fringes with the smallest spacing of 4.324 nm are
ot observable.

.3. Crystallographic interfaces and morphologies of precipitates

Generally, the alloy can be strengthened by the interaction

f moving dislocations with the precipitates. The strain-field
round a precipitate as the obstacles of dislocation movement is
argest when the lattices of the precipitates are coherent or semi-
oherent with matrix. In the case of an incoherent precipitate, the
1.039 0

strain-field is small, and thus the pinning potential of this precip-
itate is relatively small [39]. In addition, the precipitates growth
is usually bounded by a combination of coherent or semi-coherent
interfaces and smoothly curved incoherent interfaces. According to
the theory of interface-controlled growth [40], the precipitate with
the coherent and semi-coherent interfaces has very low mobility
and then is not easy to coarsening, which may result in a high num-
ber density. On the other hand, the precipitate with the incoherent
interfaces is highly mobile and then easy to coarsening, giving a
low number density. Therefore, knowledge of the interface and
morphology of the precipitate with the matrix is essential of an
understanding of the strength enhancement.

Based on the lattice parameters and orientation variants
obtained above, the interfaces between the embedded precipi-
tates and the {2 0 0}Al planes of matrix were analyzed by the
crystallography and orientation relationships, the analytic data are
summarized in Table 5. Furthermore, according to the observed ori-
entation relationship along the two principal axes, the mismatch
can also be calculated from a plane matching criterion as the dif-
ference in the spacing of corresponding planes, and these results
are listed in Table 6.

4.4. ˇ′′ precipitate

Fig. 10a  displays the HREM image of an embedded �′′ precip-
itate, its a-axis is along the [3 2 0]Al direction and c-axis is along
the [1 3̄ 0]Al direction (Variant 3). Further, Fig. 10b  and c shows
the corresponding FFT patterns and simulated diffraction patterns,
respectively. It is found that there is a near coincidence between
4 0 3̄�′′ and 0 2 0Al reflections, and 6 0 1�

′ ′ and 2 0 0Al reflections,
respectively. Therefore, the interfaces between the two phases can
be studied in more detail. Selecting the two  sets of parallel planes
and applying the Fourier filter, two filtered images are displayed
in Fig. 10d and e, respectively. Where, some interface disloca-
tions between the �′′ precipitate and Al matrix can be observed as
indicted by the white arrows. For example, the (4 0 3̄)�′′ plane with

a spacing 0.213 nm is parallel with the (2 0 0)Al plane with a spacing
0.203 nm.  Therefore, the distance between interface dislocations is
expected for 4.326 nm by misfit calculation in Table 5. Similarly, for
(6 0 1)�′ ′ plane, there is 5.356 nm for an interface dislocation.
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Table 5
Interface analysis of the embedded precipitates with Al matrix.

Precipitates Coherency relationship
with Al matrix

Corresponding plane
spacing in precipitates
and Al matrix (nm)

Misfit � (%) Ddislocation (nm) Interfaces

�′ ′ (4̄ 0 3)�′′ //(2 0 0)Al d-403�′′ = 0.213
d601�′′ = 0.211

4.81 4.326 Basically coherent

(6  0 1)�′  ′ //(0 2 0)Al d200/020Al = 0.203 3.86 5.356

�′ (1 2 3̄ 0)�′ //(2 0 0)Al d12-30�′ = 0.234 14.2 1.540 Semi-coherent with (2 0 0)Al

plane and incoherent with
(0 2 0)Al plane–  d200Al = 0.203 – –

Q′ (1 4 5̄ 0)Q′ //(2 0 0)Al d14-50Q′ = 0.195
d-6420Q′ = 0.169

4.02 4.950 Basically coherent with (2 0 0)Al

plane and semi-coherent with
(0  2 0)Al plane(6̄ 4  2 0)Q′ //(0 2 0)Al d200/020Al = 0.203 18.3 1.018

Table 6
Lattice correspondence for the embedded precipitates and misfit along principal axes calculated from a plane matching criterion.

Precipitates Corresponding
directions

Corresponding periodic
distance in precipitates
and Al matrix (nm)

Misfit � (%) Coherence with matrix

�′ ′ [1 0 0]�′′ //[3 2 0]Al d100�′′ = 1.516
d001�′′ = 0.674

3.76 Basically coherent

[0  0 1]�′′ //[1 3̄ 0]Al d230Al = 1.460
d310Al = 0.640

5.18

�′ [2 1̄ 1̄ 0]�′ //[1 3 0]Al d2-1-10�′ = 0.715
d01-10�′ = 1.238

11.07 Semi-coherent along its
long-axis and incoherent along
its short-axis[0  1 1̄ 0]�′ //[3 1̄ 0]Al d310Al = 0.640 63.68

¯ ¯ ¯

a
a
r
i

F
I

Q′ [2 1 1 0]Q′ //[5 1 0]Al d2-1-10Q′ = 1.032
d01-10�′ = 1.787

[0  1 1̄ 0]Q′ //[1 5 0]Al d510Al = 1.033 

However, it is found that the distances between two phases

long the [0 2 0]Al and [2 0 0]Al directions in Fig. 10 are ∼6.422 nm
nd ∼5.471 nm,  which are larger than 4.326 nm and 5.356 nm,
espectively. Therefore, one interface dislocation can be inserted
nevitably. However, the �′ ′ precipitate can only be observed an

ig. 10. Crystallographic interface and morphology analysis of the �′ ′ precipitate. (a) HR
FFT  image of selected 020Al and 4 0 3̄�′′ reflections; (e) IFFT image of selected 2 0 0Al and
<0.01 Fully coherent along its
long-axis and incoherent along
its short-axis53.48

obvious interface dislocation in the right part, but no any inter-

face dislocation in the left part except some slight lattice distortion
(Area E) in Fig. 10e. The reason may  be variation in local strain
in the precipitate caused by the inside dislocations (see black
arrows).

EM image; (b) corresponding FFT patterns; (c) simulated diffraction patterns; (d)
 6 0 1�′  ′ reflections.
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ig. 11. Crystallographic interface and morphology analysis of the �′ precipitate. (a)
mage  of selected 2 0 0Al and 1 2 3̄  0�′ reflections.

Simultaneously, because the embedded �′ ′ precipitate has very
mall misfits (4.81% and 3.86%) with two {2 0 0}Al planes (see
able 5). Therefore, a lager coherency strain-field is needed to
aintain the coherent interface between two phases. Only when

he distance along 〈2 0 0〉Al direction is larger than 4.326 nm or
.356 nm,  an interface dislocation will be inserted inevitably to
ecrease the total energy of the system. Then, a semi-coherent

nterface will become energetically more favorable to replace
he coherent interface by some periodical dislocations, and fur-
her decrease the coherency strain-field around the embedded �′ ′

recipitate. Therefore, this result indicates that, apart from the
oherency strain-field around the needle, the �′ ′ precipitate should
ave other coherency strain-field around its cross-section. It is in
xcellent agreement with the observed results in Figs. 2c and 4c.

In addition, as can be seen from Table 6, there is only 3.76% and
.18% misfit for the �′ ′ precipitate along the 〈2 3 0〉Al and 〈3 1 0〉Al
irection, respectively. It indicates that the �′ ′ precipitate has bet-
er coherency with matrix and a very low mobility along principal
xes. Therefore, �′ ′ precipitates’ growth is difficult relatively so that
hey maintain a high number density after the peak-aged (Table 3).

oreover, because the difference between two misfits is not obvi-
us, an approximate round cross-section may  be more favorable to
′ ′ precipitate.
.4.1. ˇ′ and Q′ precipitates
Fig. 11a displays the HREM image of an embedded �′ precipitate

Variant 4). And, Fig. 11b and c are the corresponding FFT patterns
 image; (b) corresponding FFT patterns; (c) simulated diffraction patterns; (d) IFFT

and the simulated diffraction patterns, respectively. It is found that
there is only a set of coincident diffraction in Fig. 11c: 1 2 3̄ 0�′ and
2 0 0Al. Therefore, the distance between interface dislocations is
1.540 nm by calculation in Table 5. However, the distance along
the [0 2 0]Al direction is ∼8.268 nm in Fig. 11d, which is a filtered
image based on the 1 2 3̄ 0�′ and 2 0 0Al diffraction. Consequently,
some interface dislocations will be introduced inevitably as shown
by the white arrows. Simultaneity, a few inside dislocations are
also observed in precipitate (see black arrows). These inside dislo-
cations may  make some strain-fields released so that the numbers
of interface dislocations deviate from the theoretical calculation
value.

Fig. 12a–c shows the HREM image, the corresponding FFT pat-
terns and the simulated diffraction patterns of an embedded Q′

precipitate (Variant 1), respectively. And, the (1 4 5̄ 0)Q′ plane is
basically coinciding with the (0 2 0)Al plane, giving a filtered image
in Fig. 12d and a interface dislocation every 4.950 nm (Table 5).
Simultaneity, the inside dislocations (black arrows) may also make
some local strain-fields released in Q′ precipitate so that the num-
bers of interface dislocations (white arrow) are different from the
theoretical calculation value.

Simultaneously, as can been seen from Table 5, �′ and Q′ precip-
itate has 14.2% and 4.02% misfit with (2 0 0)Al plane, and no lattice

coherency and 18.3% misfit (i.e. (6̄ 4 2 0)Q′ //(0 2 0)Al) with (0 2 0)Al
plane, respectively. Therefore, an embedded �′ precipitate has the
semi-coherent and incoherent interfaces with Al matrix whereas
basically coherent and semi-coherent interfaces for Q′ precipitate.



232 W. Yang et al. / Journal of Alloys and Compounds 514 (2012) 220– 233

F  HREM
i

I
t
c

fi
p
a
t
i
i
a
d
F
a
w
w

d
n
c
c
a
w
b
t
e
s

ig. 12. Crystallographic interface and morphology analysis of the Q′ precipitate. (a)
mage  of selected 020Al and 1 4 5̄ 0Q′ reflections.

n other words, the strain-field around the Q′ precipitate is larger
han that around the �′ precipitate. And, the more coherent Q′ pre-
ipitates will strain the matrix more compared with �′ precipitates.

Then, it is also found that there are 11.07% and 63.68% mis-
ts for �′ precipitate in Table 6, which indicates that the �′

recipitate is semi-coherent along its long-axis and incoherent
long its short-axis (Fig. 11a). Similarly, because there are less
han 0.10% and 53.48% misfits for Q′ precipitate, the Q′ precip-
tate is fully coherent along its long-axis and incoherent along
ts short-axis (Fig. 12a). Therefore, both of �′ and Q′ precipitates
re highly mobile and easy to coarsening along their short-axis
irections, then resulting in a lower number density (Table 3).
urthermore, some lath-shaped cross-sections may  be more favor-
ble to �′ and Q′ precipitates. Furthermore, more incoherent �′

ill allow the particle to grow larger in cross-section compared
ith Q′.

Based on the interface and morphology analyses above, a 2-
imensions coherency strain-field, the smaller size and a high
umber density will have �′ ′ precipitates become the biggest obsta-
les of the dislocations movement. In other words, �′ ′ precipitates
an provide the maximum strengthening effect with experimental
lloy in precipitation. On the other hand, �′ and Q′ precipitates have
eaker relatively strain-fields, the larger size and a lower num-
er density, therefore, their strengthening effect should be weaker
han that caused by �′ ′ precipitates. In addition, the more coher-
nt Q′ precipitates not only strain the matrix more, but also have
ome smaller cross-section sizes compared with �′ precipitates.
 image; (b) corresponding FFT patterns; (c) simulated diffraction patterns; (d) IFFT

Consequently, the strengthening of three main precipitates on alloy
can be described to be: �′′ > Q′ > �′.

To sum up, after the peak-aged at 175 ◦C, �′ ′ precipitates in
experimental alloy are very difficult to happen phase transforma-
tion to �′ and Q′ precipitates (Fig. 2). Then, they still maintain
some smaller size and higher number density in alloy (Table 3).
Together with a 2-dimensions coherency strain-field, �′ ′ precipi-
tates provide the biggest lasting strengthening effects for alloy so
that the hardness do not rapidly decrease at 175 ◦C. However, this
phase transformation process is happened rapidly at 200 ◦C. When
these �′′ precipitates transforms largely into �′ and Q′ precipitates,
the number density of precipitates decreases, their size increases
rapidly and the strengthening on alloy weakens, which result in
the hardness decreases rapidly. Therefore, the experimental alloy
can present an obvious anti-overaged softening behavior at a lower
temperature 175 ◦C but it does not exist at a higher temperature
200 ◦C. In addition, this result also indicates that both of �′ and
Q′ precipitates should be largely associated with the reduction in
hardness that occurs upon overaging.

5. Conclusions

We  have used the quantitative TEM analysis and HREM

technique to research the structure-property relationships in
Al–0.65Mg–0.73Si–0.13Cu alloy (6005A). It is found that this alloy
presents an obvious anti-overaged softening behavior at 175 ◦C,
however, this behavior will disappear rapidly at 200 ◦C. Based on
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